The influence of uniaxial stretching on the molecular, structure of poly(3-alkylthiopahenes was studied with the use of X-ray diffraction. Three poly(3-alkylthiopahenes), namely these containing n-hexyl, n-octyl and n-decyl groups, were investigated. The samples were oriented by stretching and the diffraction patterns for two geometries of scattering were obtained for undoped samples. The comparison of experimental diffraction data for unoriented and oriented samples, gives information about the role of the side chains in the changes of molecular conformation induced by stretching of the polymer sample. Tle main conclusion of our work is that the process of orientation induces similar pahenomena in all samples studied, but the structural and conformation changes depend on the side chain length: the shorter the alkyl snbstituent, the easier the straightening of the main polymer chain. The authors suggest that uniaxial stretching of pοly(3-alkylthiophenes) changes the degree of main chain planarity. This effect can influence the π-conjugation in polymer system, which'may have great importance for any future application of poly(3-alkylthiopahenes). .
Introduction
The structure of pure and doped poΙy(3-alkylthiophenes) (PATS) has been investigated by many research workers because of its importance for the electronic and other physical properties of this class of conjugated polymers (see for example [1] [2] [3] [4] [5] [6] ); especially,'the works of Winokur and coworkers [7, 8] have thrown the . light onto the structure properties of PATs. The problem of the side chains has been (491) investigated also by Levon and coworkers [9] and by the group of Yoshino [10] .
The main problem connected with the interpretation of experimental diffraction data is the influence of the molecular conformation of the polymer system on the relative intensity of diffraction peaks. however, a considerable development in this field has also been achieved recently [11] [12] [13] . One can state that the basic features of the structure of PATs are well understood now; except for some less important details, the origin of all diffraction peaks is rather clear. The main goal of this work is to describe the influence of alkyl group length on the structure of unoriented and oriented samples of poly (3-alkylthiophenes) . This is an interesting problem taking into account the importance of alkyl substituents in the preparation of soluble thus solution processable conducting polymers.
Experimental
The exact procedure for the polymerization of PATs was reported in [14] . In this work, three types of samples were investigated: poly(3-decylthiophene) (PDT), poly(3-octylthiophene) (POT) and poly(3-hexylthiophene) (ΡHΤ). The films were cast from CHCl solution at room temperature. The X-ray diffraction experiments were carried out on the HZG-4 wide-angle X-ray diffractometer. A Cu-anode tube with a Ni-filter was used and a crystal monochromator was placed behind the sample. The measurements were performed in a typical Bragg geometry (θ, 2θ) in a reflection mode. Each sample was measured three times. The first diffractogram was obtained for the unstretched sample and the two otler diffractograms were obtained for the stretched sample in two configurations: when the stretching direction is perpendicular to the plane of an incident beam and a reflected beam, and when the stretching direction is parallel to this plane. This type of experimental geometry is very often used for the structural investigations of oriented polymers and this technique is explained in [15] . In principle, it allows to obtain a measure of the average orientation of the polymer chains in tle direction of the symmetry axis Z (the direction of stretching). This measure can be expressed as where f is the socalled orientation function and (cost σ) is the average square cosine of the angle σ between the Z axis and tle chain axis of the polymer. However, in this case it is necessary to measure the full azimuthal scans of the diffraction peaks, not only their two values, as in our case. Therefore, we were able to obtain only qualitative information about the orientation of the polymer chains after stretching. The strength of an anisotropy of the diffraction reflections gives a measure of the orientation degree.
Possible "in plane" anisotropy of the unstretched samples was excluded by careful X-ray studies. In the cast fllm some texture effects are sometimes found in the direction perpendicular to the surface of the film. Ιn our case it is rather difficult to verify it, taking into account small thickness of the film. However, isotropy within the film plane is of crucial importance for future comparison with stretched films. We tested this "in plane" isotropy by rotating the film around the axis perpendicular to the plane of the sample. Tle samples (films of the thickness 40 to 60 im) were stretched with the use of the home-made stretching apparatus placed on the goniometer. Every sample was stretched 1.5 times of its original length. As it will be shown below, this relatively little alignment is quite sufficient to obtain a significantly oriented polymer sample. The degree of orientation is not very high. The samples were constrained during the X-ray measurements and there were no significant differences in the volume of samples for the different configurations of the measurement. Tle drawing process was performed in the room temperature.
The experimental diffractograms were obtained by measuring the intensity of scattered radiation in discrete steps of 2θ = 0.050 and the number of counts for the highest peaks exceeded 5000 counts for one experimental point. This leads to ca. 3% statistical error for the smallest diffraction peaks. This statistics was quite satisfactory since the orientation induced changes were statistically meaningful. Because the numerical smoothing procedure was applied to the diffraction data, the noise was significantly reduced and all features of the diffraction patterns referred to in the text can be considered despite their very low (in some cases) relative intensity.
Results of the computer modelling
Because of the small number of the diffraction peaks,-the interpretation of the polymer diffraction data is possible only when the experiment is supported by the computer modelling. In the case of PATS, such work has been done and it is described in detail in [13] . Some conclusions have been also presented in [12] . Therefore, in this article, we only present the basic steps of the procedure and its most interesting and needed here results. The idea is simple: one can assume the crystal structure and conformation, then one computes the diffraction pattern for such structure and finally, one compares the results of modelling with the experiniental diffractogram. This procedure should be repeated until the correlation is satisfactory. Of course, this procedure gives only positions, intensities and indexations of the diffraction peaks, without background and without broadening of the reflections. The starting point of the modelling is the flat system of four thiophene rings with four decyl groups (see Fig. 1 ). The main conclusions are as follows: the greater are the torsion angles, the smaller become the ratios of the intensities of three diffraction reflections to the main peak (I 0 0). The best agreement with experimental diffraction data las been obtained for the average torsion angle in the range 450 to 500.
The intensity of the reflection (0 0 1), related to the repetition distance be-. tween the polymer chains in the direction perpendicular to their planes, quickly decreases for the torsion angles increasing. All details of the model assumed, together with the discussion and the results, are explained in [13] . The results of the computer modelling for the diffraction by PATS, together with the appropriate experimental diffraction pattern, are presented in Figs. 2 to 4. The vertical lines give the calculated positions and intensities of the diffraction peaks, and the numbers in the upper part of the diagrams give the indexations of these peaks. One can conclude from these results that the assumed model of the structure of PATS explains the basic features of the experimental diffraction data quite well. More exact analysis of the obtained results is presented in the next section, where we make use of the fact that the results of the computer modelling allow us to explain the origin of the diffraction peaks and, moreover, to explain the influence of stretching on the experimental diffraction patterns.
There is no possibility to obtain direct, quantitative information on the conformation of oriented polymers from the computer modelling, because the stretched samples cannot be treated as an ideal powder; they exhibit strong texture. Therefore, there is no way to find an exact correlation between the relative intensity of the diffraction peaks and the parameters of conformation of the stretched polymer sample. One can only get some qualitative information from the change of diffraction pattern obtained after orientation.
One more point should be underlined here: as implies from the computer modelling, the clange of the conformation parameters (related to the change of the atom positions within the unit cell) induces the change in the intensity of the diffraction peaks. Therefore, one cannot directly compare the intensity of any diffraction peak (for instance, (1 0 0)) for the unstretched and stretched sample. Simply, the total scattering intensity (assuming an angular integration) may not be constant after ordering of the sample, if one assumes stretch induced changes in the unit cell structure.
Experimental results and discussion
Diffraction patterns of the unoriented samples are collected in Fig. 5 . All diffractograms have the crystalline component as well as the amorphous one which is rather typical of almost all conjugated polymers. The discussion of the amorphous component of the PATs diffraction data has been presented elsewhere [16] ; here, we will concentrate on the characterstic features of the crystalline component of all diffractograms obtained.
In further discussion we assume an orthorhombic unit cell with the following set of the lattice constants: αn = 23.9, b -7.8 and c = 3.8 Α [13] .
The diffraction pattern obtained for unnoriented PDT is now better understood. The main peak at 20 = 3.700 corresponds to the interplanar distance d = 23.9 Å; it originates from the distance between the main chains of the polymer in their planes and usually it is marked as a reflection (1 0 0). The second peak, for 2θ = 7.300 is the sum of two reflections: (2 0 0) and (1 1 0) (see Fig. 2 ). There is a little, but distinct peak for 2θ = 8.95 0 ; as imphes from Fig. 2 , it should be indexed as (2 1 0) and its appearance is related to the determined molecular conformation of the polymer. As results from the intensity calculations in computer modelling, this peak can appear for the system with non-planar main chain (for example, with the average torsion angle between two adjacent thiophene rings contained in the range 40° to 500) and when the majority of the side chains are perpendicular to the axis of the main chain. The next, broader maximum for 2θ = 11.200 and d = 7.8 Α has the intensity as high as the reflection (2 0 0) and therefore it cannot be explained b y indexes (3 0 0) only (as is usually being done in the literature); indeed, our results of the computer modelling have shown that this maximum is the sum of three reflections: (3 0 0), (0 2 0) and (1 2 0). This second component is related to the repetition distance of the two thiophene rings along the main chain. At last, the maximum for 2θ = 23.100 and dl = 3.9 Α can be described as the reflection (0 0 1) and it originates from the distance between the planes of the polymer chains.
The comparison of the diffractograms obtained for unoriented PDT, POT and PIT i.e. for samples with decreasing side chain length leads us to two conclusions. First of all, the main crystalline peak with indexes (1 0 0) is shifted towards shorter distances as the length of the side chain decreases: its position is 2θ = 3.700 (cl = 23.9 Å), 2θ = 4.300 (d = 20.5 Α) and 2θ = 5.300 (dl = 16.7 Å) for PDT, POT and Pu T respectively. This effect is connected with the possibility of closer stacking of the polymer chans in their planes for the shorter side chains and it was reported in [1] . Second, the small peak for 2θ = 23.10° is present in all diffractograms and this observation is clearly nnderstood; the distance between the planes of the polymer chains should not depend on the length of the side groups.
The experimental diffractograms obtained for oriented PDT are presented in Fig. 6 . The main feature of these patterns is an anisotropy of the diffraction peaks, seen both for crystalline and amorphous component of scattered intensity; the second, very distinct effect consists of the enhancement of the relative intensity of the third diffraction peak. If one takes into account the results of the computer modelling, it may be conclnded that the average value of the torsion angle between two adjacent thiophene rings has lowered considerably after stretching. Strictly speaking, the elongation of the polymer sample implies straightening of the polymer chains; they become more flat than for unoriented sample. This conclusion is supported b y the lack of the reflection (2 1 0). The anisotropy of the polymer chains indnced in pnre PDT system for these low elongation ratios is rather weak.
Three diffractograms obtained for unoriented and oriented POT are presented in Fig. 7 . The origin of the peaks visible in this diagram is clear if one takes into account the conclusions from Fig. 3 . The first two peaks have indexes (1 0 0) and (2 0 0). The third one is the sum of reflections with indexes: (0 2 0), (1 2 0) and (3 0 0).
The changes in experimental diffractograms induced b y stretching of POT sample can be summarized as follows. There is a distinct anisotropy of the first peak (1 0 0), connected with the orienting of the mam chains. The increase in intensity of the third maximum for the diffraction pattern obtained in the perpendicular direction, is certainly induced b y straightening of the main chains and lowering of the average torsion angle for two adjacent thiophene rings. however, the enhancement of the relative intensity for the third diffraction peak is perhaps not so obvious. Also, contrary to the case of PDT, there is no anisotropy of the amorplous component of diffraction patterns.
In Fig. 8 the experimental diffractograms obtained for unoriented and oriented PIT are collected. The first maximum has indexes (1 0 0) and its behaviour after stretching gives the evidence for the anisotropy of the main chains appearing in the polymer system after orienting. The second peak is now splitted into two small peaks. Following the results of computer modelling it can be explained by three sets of indexes: (2 0 0), (0 2 0) and (1 2 0). The third, a very weak maximum (for 2θ = 16.300) is the sum of two reflections: (3 0 0) and (2 2 0).
The changes induced in this case by stretching are very remarkable, especially for the diffraction data obtained for the perpendicular direction. Now, the enhancement of intensity of the maximum for 2θ = 11.30° (connected with the order along the main chain) is really large. This observation suggests that the conformation changes induced in the polymer system b y stretching are particularly facilitated in this case, e.g. for short side chains.
The explanation of the differences observed for the samples with various lengths of the side chains is well confirmed by joint presentation of the diffraction data obtained in perpendicular direction for all three samples studied, as it is shown in Fig. 9 . One can say that the common feature of three patterns presented in this picture is the enhancement of intensity for the maximum at 2θ = 11.300. As it has already been explained above, this is connected witl the lowering of the average torsion angle between the adjacent thiophene rings and with the straightening of the main polymer chain.
As has been mentioned above, the strength of the anisotropy of the diffraction peaks can give some information on the degree of orientation. If we define and Ι ° as an integrated intensity (after subtraction of the background) of the peak (1 0 0) for perpendicular diffraction scan, parallel one, and unorienting sample diffraction, respectively, then it is possible to calculate the parameter of anisotropy as the ratio of I 1 0 0 p e r p t o Ι 1 0 0 p a r á . F o r t h e t h r e e p o l y m e r s a m p l e s s t u d i e d , the value of this ratio is within 1.2 to 1.5.
It is not easy to explain this observation. This can be done here if one compares the values of I100 for three polymer samples investigated, it turns out that It seems that the anisotropy of the diffraction patterns is rather similar for all cases (vide supra). Different evolution of the diffraction patterns, caused by the orientation (for the same draw ratio) may be related to the different structure factor changes. This effect should be carefully investigated in the future.
One more point should be underlined at the end of this discussion. It is well • known that there is a possibility of evaluating the average size L of the crystalline domain from the width of the Bragg reflection, using the Scherrer formula where K is the constant close to 1 and Δ(2θ) is the full width at half-maximum of the reflection. Using this formula for the main peak (1 0 0) of the diffraction patterns studied, one can estimate the mean size of crystallites in the direction perpendicular to the axis of the main chains and parallel to the plane of the main chains. For all unoriented samples studied, the value of L ranges from 140 to 160 Α.
and this value does not change after orienting the sample. This kind of behaviour suggests that orienting of undoped PATs consists mainly on the rearrangement of whole polymer crystalline region and only to a low degree it is connected with a change in the orientation of the polymer chains.
Conclusions
The changes induced by stretching in the structure of PATS have been investigated with the use of X-ray diffraction. The influence of the various lengths of the side chain is now more clear: the shorter are alkyl groups, the easier it induces straightening the main polymer chain via drawing. This is an important information since the potential applications of conductive polymers are possible only for well ordered and well oriented systems. However, the length of the side chain has also significance for the polymerization process of PATS, namely for the percentage of couplings "head to head" and "head to tail", and this factor should be considered in further investigations.
Certainly, some comments should be done concerning the relation between our model of PATs structure and conformation, and other models existing in the literature [1, 4, 11] . We think that each model has its own advantages and its own weak points. In the case of PATS, where the samples have low or very low crystallinity, there is simply no possibility to get one model of the structure, which would be able to explain all structural and conformational properties of the polymer system. If the diffraction pattern consists of only few rather week and/or broad crystalline reflections, mixed with the amorphous component of the scattered intensity, thus one should not expect that it is possible to get one, unique and universal model of this polymer structure.
It has to be noticed that, by several authors (see, for example [4] ), the macroscopic properties of the polymer film strongly depend on the "quality" of the sample. It seems reasonably to believe that the crystallinity, the maximum stretch ratio, the molecular weight, the polydispersity, and other properties may depend on many factors, which one cannot fully control, and which may strongly influence the structural properties of polymer sample, causing an important difference between various samples of "the same" polymer. It is worth adding that the stretch induced structural changes in doped PATs are much more distinct than in neutral samples [17] .
